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Introduction
Significant cost advantages can be obtained from the use of higher strength steels for the manufacture of pipelines, but increases in strength can be accompanied by a higher susceptibility to hydrogen embrittlement [1] . This kind of embrittlement is normally manifest as a significant loss in ductility without a marked decrease in strength. Pipeline steels can contain small amounts of hydrogen because of absorption during pipe welding or as a result of environmental exposure. The presence of even small concentrations (ppm) of hydrogen can increase the susceptibility of steel to hydrogen-induced cold cracking (HICC) -a specific type of HE [2] . Once a steel pipeline is exposed to an acidic environment, its surface oxidizes and produces hydrogen. The absorbed hydrogen atoms diffuse into the steel and become trapped at certain microstructural features, such as interfaces between non-metallic inclusions and the steel matrix, at precipitates, dislocations and (sub)grain/phase boundaries [3, 4] .
HICC can occur if the trapped hydrogen reaches the critical concentration necessary for crack initiation. The absorbed hydrogen atoms can also recombine and form molecules [5] .
Hydrogen-induced degradation has generally been investigated through the ex-situ testing of electrolytically-charged specimens. However, cathodic charging cannot fully replicate the damage caused by gaseous hydrogen in transportation pipelines. Thus, this work addresses the effect of gaseous hydrogen charging as a function of Mn content, as well as microstructure.
It has been reported that the as-quenched martensitic microstructure has the lowest resistance to HE, whereas tempered bainitic or tempered martensite microstructures have the highest resistance [6] . Ferrite-pearlite microstructures sit between these two extremes. The most important factors that control the susceptibility of a microstructure to hydrogen embrittlement are the hydrogen permeability and hydrogen trapping capacity of that microstructure. The grain coarsened heat affected zone (GCHAZ) adjacent to the weld zone is also a critical region for HE [6] [7] [8] . The susceptibility to hydrogen cracking can also be related to the steel composition and the processing history as these factors affect non-metallic inclusions (size, morphology and type). Large inclusions such as elongated manganese sulfides and stringers of oxide increase the HICC susceptibility [9] . The concentration of impurities has also been found to increase the susceptibility of HICC [10] . Since welded pipelines exhibit different microstructures, it is important to know how hydrogen affects these different microstructural regions.
In recent years, there have been attempts to design steels with lower Mn levels (0.2-0.5%) in order to reduce centreline segregation. Formation of MnS from the liquid in steels having lower Mn concentration and a given S content will take place closer to the solidification temperature resulting in their smaller size [11] .
As there is little information available in the literature on the effect of temperature on the mechanical properties of pipeline steels subjected to in-situ gaseous hydrogen charging, the effect of elevated temperature has also been investigated. From a practical viewpoint, exposed pipelines can be subjected to elevated service temperatures.
In summary, this study was conducted with the aim of investigating the effect of Mn content, microstructure and test temperature on HE, as reflected in the tensile properties of X70 steels.
Experimental Procedures
Two API X70 grade hot rolled strip samples (10 mm thick) were received from BlueScope Steel Ltd. Table 1 gives the chemical compositions of the steels. The steel with the higher Mn content (1.14%) is typical of the standard alloy design (S-X70), whereas the medium (0.5%) Mn steel (M-X70) is designed to reduce centreline segregation. The M-X70 steel contains higher levels of Cr and C to offset the hardenability loss due to the reduction in Mn. The S-X70 steel was also supplied as a sample taken prior to the finishing stage of hot rolling process, so called transfer bar (TB) with a thickness of 28 mm.
Normalising of TB was carried out before machining the tensile samples. A transfer bar sample was heat treated at 950°C for 20 minutes and then air-cooled to room temperature.
Surfaces of the NTB sample were machined to a depth of 2 mm of metal in order to remove the oxide layer.
Hollow cylindrical samples ( Fig. 1) were machined along the rolling direction from S-X70, M-X70 and the NTB sample of the S-X70 steel. The test pieces were tested in uniaxial tension at 25, 50 and 100 ºC under 10 MPa internal pressure of gaseous hydrogen. The tests were performed on an Instron 1341 tester using Syntest software (Syntest Version 1, developed by Arthur Carlton Synapse Technology Pty Ltd) (Fig. 2) . For comparison, samples were also charged to 10 MPa with 99% high purity argon before tensile testing at 25 o C. The tests were carried out at the slowest possible cross-head speed (0.003 mm/s) to allow time for hydrogen diffusion. At least 3 samples were tested per condition.
Samples for metallographic analyses were hot mounted in Bakelite, ground and polished according to standard metallographic methods for C-Mn steels [12] . The Struers TegraPol-21 machine was used for automatic grinding and polishing. The polished samples were etched using 2 % Nital solution. Optical microscopy was performed on a Leica DMR optical microscope fitted with a DFC295 digital camera using Video Pro 32 version 6.003 software. Measurements of pearlite area fraction and ferrite grain size were performed using the standard point count method according to ASTM E 562 [13] , whereas the grain sizes were measured by the linear intercept technique according to ASTM E112-10 [14] .
Scanning electron microscopy of the fracture surfaces was performed on a JEOL LV6490 SEM operating at 20kV. Prior to observation, specimens were subjected to an ultrasonic cleaning.
Measurement of the hydrogen content was performed on a ELTRA ONH-2000 machine located in the Central laboratory at BlueScope Steel, Port Kembla, approximately 12 km away from the mechanical testing lab at the University of Wollongong. The delay time between the end of the test and measurement was between 30 to 60 minutes, which was long enough for hydrogen to escape. In order to prevent loss of hydrogen before testing, the samples were kept in liquid nitrogen [15] . However, loss of hydrogen was possible by effusion from the test piece walls and the fracture surface before test piece retrieval and, subsequently, during manual cutting of a small piece of fractured pipe before it was immersed in liquid nitrogen. The hydrogen was measured by a fusion process with sensitivity of 0.01 ppm and an indication range of 0-100%.
Results

Microstructure Characterisation
The microstructure of NTB is an equiaxed ferrite-pearlite microstructure with an average grain size of 14±0.5 µm (Fig. 3a) . The area percentage of pearlite was determined to be 121%.
The edge microstructures of the two 10 mm thick strip samples (Figs. 3b and 3c) correspond to that of the pipe sample wall. In both cases the microstructure was a mixture of ferrite and pearlite grains. For S-X70, ferrite-pearlite grains were present in bands parallel to the rolling direction (Fig. 3b) . The edge region consisted of a bimodal distribution of fine ferrite grains with an average size of 5.1±1.3 µm and coarse ferrite grains with an average size of 12.7±3.5 µm. The overall average ferrite grain size was 8.1±4.8 µm. The area fraction of pearlite was determined to be 90.8%. These results are consistent with data in the literature [2, 16] .
Bimodal grain size distributions were not found for M-X70 (Fig. 3c) , which had an average ferrite grain size of 8.5±1.8µm. The area fraction of pearlite was determined to be 111 %, higher than for S-X70 due to the higher C content.
Gaseous Charging Results
Tensile test results
The tensile tests revealed the behavioural differences between the steels tested under pressurised hydrogen and under pressurised argon gas at the selected test temperatures of 25, 50 and 100˚C. The total amount of hydrogen measured by the hot extraction method after tensile testing was negligible, indicating that either a small amount of hydrogen was absorbed or, as is more likely, hydrogen was rapidly lost, before immersion in liquid nitrogen, by effusion from the surfaces of the fractured test piece and during the process of manual cutting of a small sample for hydrogen testing.
Macrographs of representative fractured samples are shown in Fig. 4 for room temperature testing. It can be seen that the samples fractured near the centre of the gauge section and that the hydrogen-charged sample ( Fig. 4b ) showed a substantially less elongation and necking. Necking is clearly significant in the argon-charged sample.
The engineering stress-engineering strain curves are shown in Fig. 5 for hydrogen-and argon-charged test pieces of the S-X70, M-X70 and NTB samples. For the argon-charged tests, the normalised microstructure exhibited the highest total strain and the lowest YS and UTS. Hydrogen charging had a profound effect, reducing the total strain for all three samples. Further, all of the stress-strain curves showed a typical for this class of steels [17] discontinuous yielding.
In calculating the UTS for the tensile tests, the 10 MPa gas pressure was considered to be a pre-stress. The internal pressure within a thin-walled cylinder produces an axial tensile stress of Pr/2t [18] , where P, r and t are the charging pressure, the internal radius of the specimen and the wall thickness, respectively. The UTS of specimens was calculated by adding the charging pressure to the tensile strength value estimated from the peak load and final wall thickness.
As shown in Fig. 5 and Table 2 , the UTS of S-X70 samples charged with 10 MPa of hydrogen gas at 25˚C was reduced by 4.5 % compared to argon-charged samples. The error limits shown in Table 2 are conservative and the trend of decrease in UTS for all three hydrogen-charged samples compared to their argon-charged reference samples is clearly established by the data. These results are consistent with those of previous reports [19, 20] on hydrogen embrittlement. Since the M-X70 and NTB samples showed lower reductions in UTS of 3.6% and 3.7%, the sensitivity of tensile strength to hydrogen clearly depends on the chemical composition and the microstructure of the steel.
The total strain at fracture (Table 2 ) was used to calculate an embrittlement index (E i ):
where  A is the total strain for argon-charged sample and  H is the total strain for the hydrogen charged sample. An index of zero indicates no HE.
The indexes for samples tested at 25 o C were 35%, 25% and 22% for the NTB, S-X70
and M-X70 samples, respectively. These results indicate that the microstructure of NTB is more susceptible to hydrogen embrittlement than the strip samples. Further, the S-X70 samples were more embrittled by gaseous hydrogen than M-X70.
One important difference in the stress-strain curves after the peak load is the postnecking strain. The specimens charged with hydrogen gas showed less post-necking strain, while the reference sample charged with argon gas showed extensive post-necking strain and the maximum strain at fracture. Even though the nominal wall thickness of the specimen was 1.0 mm, the real thickness varied by about 100 μm due to the machining followed by polishing of the walls. Thus, a conversion of the load information to the stress value in the Instron software is based on the nominal wall thickness and the accuracy is limited to ±10%. Table 2 shows that the yield strengths of and M-X70 are higher than that of NTB. As the ferrite grain sizes of the S-X70 and M-X70 are finer compared to NTB, there is a HallPetch effect [18] that leads to an increase in the yield strength, in agreement with the literature [21] . In addition, the higher density of dislocations in S-X70 and M-X70 strips due to controlled thermo-mechanical processing contributes to a rise in the yield strength [22] .
It should be noted that for the samples tested at room temperature, hydrogen charging had no apparent effect on the yield stress. However, the ultimate tensile strength was lowered slightly by hydrogen charging. As a result, the yield to tensile ratio is higher for hydrogencharged samples compared to the argon-charged samples.
Effect of Temperature
Although the shapes of the stress-strain curves for hydrogen-charged S-X70, M-X70
and NTB samples were similar for all test temperatures (Fig. 5) , the strength decreased and the ductility increased with increasing temperature. Moreover, both the uniform and total strains under hydrogen gas showed slightly higher values with increasing temperature (Table   2 ). Correspondingly, the embrittlement indexes were also lowered. However, these are likely to be slightly underestimated because the reference total strain was taken as that for Ar at 25 o C, as due to limitation in the number of samples, elevated temperature tensile testing was not conducted on argon-charged samples. The increase in total elongation with test temperature increase is in agreement with the literature [23, 24] . Similarly, the decrease in yield and tensile strengths with increasing temperature is in agreement with the results of Michler's [25] which covered a lower temperature range (-80˚C to 20˚C). Hofmann and Rauls [23] showed that, for air charged normalised plain carbon steel tensile samples, an increase in the temperature from 25˚C to 100 ˚C decreased the reduction in area and total elongation in fractured samples because of ageing effect. In contrast, Table 2 indicates that a temperature increase from 25˚C to 100˚C increased the total elongation of tested samples in the presence of hydrogen in the steels investigated. This observation is consistent with the hypothesis that hydrogen embrittlement would be reduced at higher temperatures because the diffusion and desorption rates of hydrogen are increased, inhibiting hydrogen build-up at potential crack sites such as particle interfaces and other slip barriers [26] .
Fractography
The effects of the hydrogen exposure on the fracture behaviour were analysed using fracture surface observations of S-X70 samples. The comparison of the fracture surface of an S-X70 sample tested under 10 MPa hydrogen gas with its counterpart tested under argon gas is shown in Fig. 6 .
The fracture surfaces after argon charging are characterised by dimples, as shown in Fig. 7b . The mean diameter of the dimples is 2.5±0.3 µm. However, predominantly brittle fracture was observed in the hydrogen-charged specimen at 25°C (Fig. 8b) . In all cases of hydrogen atmosphere testing, partial or complete brittle fracture by quasi-cleavage was observed. HICC associated with inclusions and other stress-concentrating defects would be required to initiate and extend cracking by quasi-cleavage, which dominated the fracture mode of the hydrogen-charged samples that were tensile tested at 25 o C. Electrolytic charging of the same steels [27] clearly established the presence of hydrogen cracking throughout the strip cross-sections and it is therefore reasonable to expect the presence of cracking in regions surrounding the final crack surface in the present case. However, the presence of sub-critical cracks was not confirmed because it was not considered to have a significant bearing on the main findings of the work.
The area of cleavage surface decreased as the temperature was raised to 100˚C with a corresponding increase in the area of dimpled fracture (Fig. 9) . The size of the dimples was smaller for the S-X70 sample charged in hydrogen at 100˚C (Fig. 9b ) compared to that charged with argon at room temperature (Fig. 7b ). This observation is in agreement with the measured tensile strength and elongation ( Table 2 ). The mean diameter of dimples for hydrogen-charged S-X70 tested at 100˚C is 2.1±0.2 µm.
One of the most significant differences shown in Figs. 7 and 8 is the wall thickness:
dynamic shear deformation in the neck of the argon-charged specimen (Fig. 7 ) substantially reduced the cross-sectional area, with the wall thickness being less than 40 % of the initial wall thickness. In contrast, there was much less necking under hydrogen gas ( Fig. 9 ) with the wall thickness being about 85 % of the initial thickness. Further, dynamic shear deformation did not occur at the hydrogen-exposed inner wall of the specimen, contrary to the surfaces exposed to argon gas. The ductile fracture surface in Fig. 7 has a slope in the loading direction, but the fracture formed in the sample exposed to hydrogen gas ( Fig. 8) shows predominantly brittle, outward crack growth perpendicular to the loading direction.
The S-X70 specimen that fractured in hydrogen gas at 100˚C (Fig. 9 ) also displayed a fracture morphology partially similar to that fractured at 25 ˚C, but the extent of brittle fracture was reduced to about 18 % due to the contribution of ductile fracture. Fig. 9 shows brittle fracture around the edges of the fracture surface where the material was exposed to hydrogen. Beyond the brittle area the fracture surface of this specimen shows evidence of ductile fracture. The presence of mixed fracture modes (cleavage facets together with dimples), indicates higher plastic deformation levels during the fracture process compared to S-X70 sample charged with hydrogen at room temperature.
The widths of the brittle fracture surfaces in Fig. 9 can be related to the critical concentration of hydrogen: at 100˚C, the mobility of hydrogen atoms is higher, with a reduction in the probability of localised accumulation of hydrogen at traps to the critical concentration required to induce hydrogen cracking. Hence, less brittle fracture is to be expected.
The micro-voids in the argon-charged samples are elongated in the tensile loading direction (Fig. 7b) , whereas the voids in the hydrogen-charged at 100˚C sample appear to be nearly spherical (Fig. 9b ). These observations indicate that the hydrogen-charged specimen tested at 100˚C undergoes lower elongation before fracture than the argon-charged specimen at 25˚C.
These are consistent with results of Lee et al. [28] , who conducted the same tensile test on X65 hollow cylindrical samples with hydrogen or nitrogen inside. They also found brittle fracture surface with almost no necking under hydrogen charging.
A series of low resolution SEM images were taken from the fracture surface of all samples. The percentages of ductile and predominantly brittle fracture were then calculated for two samples per condition and the results are summarised in Fig.10 .
Discussion
As reported by Haq et al. [29] for permeability studies of the same steels, the average diffusivity (D) of hydrogen was ~2x10 While ductile fracture surfaces were observed under an argon atmosphere, quasicleavage fractures were identified under hydrogen gas conditions regardless of the test temperature. However, the fraction of predominantly brittle fracture decreased with an increase in test temperature. Hydrogen-charged samples at room temperature were characterised by the effective absence of necking and a fully quasi-cleavage fracture surface.
Gaseous hydrogen did not have a significant effect on the yield strength of both steels, but slightly lowered the tensile strength. This observation is consistent with the contribution of hydrogen cracking to fracture at a lower stress compared to testing in the absence of hydrogen. The NTB sample showed the maximum embrittlement index, consistent with the results of three point bend (TPB) testing reported in [27] .
Although there are reports of tensile testing in the presence of gaseous hydrogen of X65 steel at room temperature [28] , stainless steel at -20 to -250˚C [31] and medium carbon steel at room temperature [32], tensile testing of X70 steel under hydrogen at elevated temperatures (50 and 100˚C) has not previously been reported. Since pipelines located in desert environment are subject to deformation at low strain rates and can reach 50˚C and over, the current work constitutes an attempt to simulate this service condition.
Elevated temperatures (up to 100˚C) increased the uniform elongation and decreased the yield and tensile strengths of hydrogen-charged specimens compared to room temperature specimens, due to both the attenuation of the embrittling effect of hydrogen and the increased mobility of dislocations. All tested samples responded similarly to the effect of temperature.
It is well known, particularly in steel welding (e.g. see Ref. [33] ), that HICC is essentially a "cold" phenomenon which diminishes with increasing temperature above ambient and does not occur at all above about 200 °C . Preheating is routinely practised in welding to facilitate reduction in hydrogen content and to decrease the capacity of residual hydrogen to induce cracking. Raising the temperature increases hydrogen atoms mobility and reduces the probability of accumulation of hydgrogen at stress-concentrating structural sites -a pre-requisite for crack initiation. Hydrogen-induced cracks can propagate by cleavage or enhanced slip with the localised formation of voids and their coalescence. As the temperature is raised the effectiveness of hydrogen in modifying the deformation and fracture mechanisms is attenuated and the "normal" deformation and fracture modes start to dominate. In particular, increased dislocation mobility leads to more generally distributed plastic behaviour rather than localised (hydrogen-induced) plastic behaviour, thereby leading to a marked increase in the total elongation at fracture.
Although the S-X70 steel was found to be more susceptible to HE than M-X70 for tensile testing under 10 MPa hydrogen pressure, it was found to be less susceptible to HE when electrolytically hydrogen-charged samples were subjected to TPB tests [27] . In the TPB tests the surface subjected to bending was parallel to the rolling plane, so that the microstructure ahead of the advancing notch-induced crack was banded, particularly for the S-X70 steel. Even though the S-X70 and M-X70 samples were electrolytically pre-charged to the same hydrogen concentration, the banded microstructure could provide serious interfacial obstacles to crack propagation normal to the bands, thus accounting for the higher observed HICC resistance compared to the M-X70 steel. For the present case of tensile testing, the axis of the test piece was parallel to RD, and hydrogen diffused inwards while the sample was being strained. Since hydrogen charging was carried out in the presence of an external stress, hydrogen transport in the specimen would be expected to occur by means of a combination of diffusion and dislocation transport mechanisms. The hollow cylindrical test pieces were cut along the rolling direction within the thickness of the strip, and therefore hydrogen will diffuse inwards in both the transverse and normal directions. It is expected that inward diffusion of hydrogen would be easier in the transverse direction along the ferritepearlite bands. The hydrogen gradient extending from the internal surface would be expected to pre-dispose crack initiation at stress concentration sites in near-surface regions. Crack propagation would be promoted by hydrogen trap sites, particularly at ferrite-pearlite interfaces of the more highly banded S-X70, in the stress concentrated zone ahead of the inwardly advancing crack [34] [35] [36] . In M-X70 samples, hydrogen would be expected to diffuse faster in both the transverse and normal directions, flattening the hydrogen gradient and attenuating hydrogen build-up at deep traps. This hypothesis offers an explanation for the reduced HE of M-X70 compared to S-X70. However, there is another possible reason for the difference in HE indicated by the tensile and TPB tests results. Due to the sample geometry of the tensile test pieces, the volume containing centreline segregation was removed, whereas it was present in the TPB samples. Unlike S-X70, the centreline region of M-X70 strip contained elongated MnS stringers with some blocky inclusions among these stringers, as well as a higher number density of oxides [27] . These microstructural features have been reported by Domizzi et al. [37] to promote HICC and they could, therefore, have contributed to the higher incidence of HICC in the TPB tests of M-X70.
In the case of NTB, the density of reversible traps such as dislocations and grain boundaries, is much lower than for S-X70 and M-X70. Therefore, grain boundaries will quickly become hydrogen-saturated, allowing HICC to be initiated at grain boundary nodes and promoting easy crack propagation by quasi-cleavage, consistent with the relatively high proportion of brittle fracture evident in Figure 10 . As a consequence, the HE index was found to be highest for the NTB sample.
Conclusions
 Tensile testing of the gas-charged tubular specimens resulted in approximately similar stress-strain curves regardless of the charging gas or temperature. However, the uniform elongations and the total elongations at fracture were significantly lower in the hydrogen-charged specimens than for the argon-charged specimens.
 Predominantly quasi-cleavage fractures were observed in all samples charged with hydrogen gas, whereas ductile fracture surfaces were evident in those tested with argon. The fraction of ductile fracture in hydrogen charged samples increased with increasing in temperature.
 The most significant impact of hydrogen-charged specimens on the tensile behaviour was reduction in the elongation at fracture. The embrittlement indexes estimated from these data were 36%, 25% and 22% for the normalised transfer bar with equiaxed ferrite-pearlite microstructure, high Mn strip and medium Mn strip specimens with banded ferrite-pearlite microstructure, respectively. Table 1 Compositions of the studied steels, wt.% Table 2 Mechanical properties of tested specimens. Figures   Fig. 1 Schematic of hollow cylindrical sample dimensions. Fig. 2 Tensile test on the sample with 10 MPa hydrogen inside at 100°C. 
